In this contribution, we develop a coarse-graining methodology for mapping specific block copolymer systems to bead-spring particle-based models. We map the constituent Kuhn segments to Lennard-Jones particles, and establish a semi-empirical correlation between the experimentally determined Flory-Huggins parameter χ and the interaction of the model potential. For these purposes, we have performed an extensive set of isobaric-isothermal Monte Carlo simulations of binary mixtures of Lennard-Jones particles with the same size but with asymmetric energetic parameters. The phase behavior of these monomeric mixtures is then extended to chains with finite sizes through theoretical considerations. Such a top-down coarse-graining approach is important from a computational point of view, since many characteristic features of block copolymer systems are on time and length scales which are still inaccessible through fully atomistic simulations. We demonstrate the applicability of our method for generating parameters by reproducing the morphology diagram of a specific diblock copolymer, namely, poly(styrene-b-methyl methacrylate), which has been extensively studied in experiments.
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I. INTRODUCTION
Block copolymers comprise two or more chemically distinct blocks covalently attached to each other. They selfassemble into nanostructured morphologies and have become a versatile tool for organizing soft matter at the nanometer scale. Numerous applications of block copolymers have been proposed, given the diverse array of structures that can be achieved. The organized structures are generated by the microphase separation driven by the chemical differences between the components. Synthetic chemistry of the constituent self-assembling molecules can tune the size, shape, and arrangement of patterns, which in turn affect the macroscopic mechanical, rheological, and optical properties of the resulting materials. 1 The phase behavior of A-b-B diblock copolymers is dictated by the polymer segment chemical character (quantified by the Flory-Huggins interaction parameter χ ), the chain length (the degree of polymerization N), and composition (monomer volume fraction of the minority block f). Upon cooling a disordered melt (increasing χ ) below the order-disorder temperature, T ODT , microphase separation occurs because polymer chains self-organize into different morphologies to minimize the contacts between A and B domains under the constrains of connectivity and overall incoma) Electronic mail: achremos@imperial.ac.uk. b) A. Chremos and A. Nikoubashman contributed equally to this work. c) Electronic mail: arashn@princeton.edu. pressibility. Nonetheless, the phase behavior is determined mainly by the volume fraction f and the combined product χ N. Consequently, the phase behavior is often depicted via a two-dimensional phase diagram showing the equilibrium microphase as a function of χ N and f . Depending on the composition, lamellae, perforated lamellae, gyroid, cylindrical and spherical morphologies can be produced. 2 Computer simulations are a valuable tool for understanding the physical properties of polymeric systems, and offer promising capabilities for designing new materials. However, atomistic simulations are unfeasible for most practical situations, since they can only sample relatively small systems that contain only a few microdomains. These system size issues become even more problematic for the study of copolymers under shear, since the long-range ordering of the microdomains is of central interest in this case (for a recent review on simulations of shear-induced morphological transitions in block copolymers, see Ref. 3) . Furthermore, the use of realistic shear rates requires the simulation of long time scales, which are out of reach in such atomistic computations. Therefore, the development of accurate coarsegraining methods is essential for the study of block copolymer systems. Typically, one can circumvent these problems by coarse-graining (CG) the block copolymers, thereby reducing the degrees of freedom. On the one hand, bottom-up type approaches can be employed for the coarse-graining, where the structural (and dynamical) characteristics of the system are preserved from atomistic scales. On the other hand, top-down CG schemes are tailored for preserving macroscopic system properties, which are usually more accessible in experiments than atomistic properties.
The primary theoretical approach for studying the block copolymer phase behavior has been Self-Consistent Field Theory (SCFT). [4] [5] [6] [7] In SCFT, the interactions between polymer chains are approximated by a spatially inhomogeneous environment (represented mathematically by a field) in which polymers move independently. The theory provides a way of predicting the free energies of possible structures, and thus constructs a phase diagram indicating the preferred morphology for a given set of molecular parameters. Several additional methods have been developed for the simulation of polymeric systems, some inspired by SCFT, such as the time-dependent Ginzburg-Landau method, 8 dynamic density functional theory, 9 cell dynamics, 10 and dissipative particle dynamics. 11, 12 These methods have been successful at describing the structural and dynamical properties of simple and complex polymers on a qualitative and semiquantitative level. 7 However, excluded volume effects, which play a key role for the static and dynamic properties of polymeric systems, 13, 14 are neglected in these methods, rendering quantitative comparisons to experiments difficult.
On the other hand, bead-spring models with impenetrable monomer cores have served well for the description of polymer models over the last three decades, including polymer melts, 15, 16 [25] [26] [27] Particle-based descriptions preserve the molecular structure of the initial polymer to a much higher degree and can provide insights into the microscopic properties of the system. The downside of bead-spring models compared to SCFT calculations, however, is that the free energy is not directly accessible, making additional (and potentially) expensive calculations necessary to access such quantities. Although there has been recent progress in merging mean field and particle-based descriptions of copolymers, 28 coarsegrained bead-spring models that take excluded volume effects into account have received less attention.
Our model is inspired by the Kremer and Grest beadspring model, 15, [29] [30] [31] and consists of Lennard-Jones (LJ) particles that are tethered through massless springs. We keep the size of the beads and the bonding potential constant for all particle types, rendering the interaction strengths as the only tunable parameter. Since it is necessary for any mapping procedure to reproduce the phase behavior of the original system, one of the key challenges here is to establish a robust connection between the interaction parameters of the polymer model and the experimental Flory-Huggins parameter χ ; in other words, the experimental order-disorder temperature T ODT needs to be preserved by the mapping. To this end, we extend the approach brought forward in Refs. 11 and 32 (and successfully utilized in Refs. 33 and 34) by developing general semi-empirical relationships between the LJ interactions parameters and the χ parameter in the NPT-ensemble. We refine the corrections necessary for chains with finite sizes, and achieve good agreement between predictions and experiments.
We present the general philosophy behind our block copolymer model in Sec. II and highlight the key differences to previous approaches. We then present a detailed description of the mapping procedure in Subsections II A and II B, where we first derive semi-empirical relationships between the LJ interaction parameters and the Flory-Huggins parameter χ for a monomeric binary mixture, and then extend our calculations to chains of a finite length. In Sec. III, we first demonstrate the applicability of our approach by studying the structural transitions of a symmetric diblock copolymer system with ad hoc interaction parameters. Then in Subsection III B, we demonstrate how the proposed scheme can be utilized to coarsegrain a specific experimental system, namely, poly(styreneb-methyl methacrylate) (PS-PMMA). Finally, we draw our conclusions and present a short outlook in Sec. IV.
II. METHODOLOGY
The general purpose of any theoretical polymer model is to replicate the behavior of the experimental system as accurately as computationally feasible. An integral step during this procedure is the mapping of the chain with N monomers to an equivalent system with N CG < N CG beads. The resulting reduction in degrees of freedom is however accompanied by a loss in (microscopic) detail. One of the key characteristics of block copolymer systems is that they phase separate on a microscopic scale when quenched below T ODT , forming nanoscale domains. Therefore, the faithful reproduction of this phase behavior must be a minimum requirement for any coarse-graining scheme targeted at block copolymer systems, whereas the detailed description of atomic length-scales is only secondary.
Bead-spring models used to study block copolymers were initially developed for the NV T -ensemble with the use of purely repulsive interactions (e.g., Weeks-ChandlerAndersen potential 35 ). [29] [30] [31] Thermodynamic properties such as the pressure cannot match the experimental values, due to the purely repulsive nature of the interactions. More advanced bottom-up CG strategies, such as the Inverse Boltzmann Method 36, 37 or multiscale procedures, [38] [39] [40] [41] [42] are tailored for preserving the structural (and dynamical) characteristics of the system, but require costly atomistic simulations, which are often computationally infeasible and not transferable to other systems. Furthermore, preserving the structural properties on the molecular scale does not guarantee the correct thermodynamic behavior in bulk systems.
In this contribution, we follow a different approach, which extends and generalizes the ideas brought forward by Kremer et al. in their seminal paper, 15 where they mapped specific polymer chains in a melt onto a bead-spring model. The advantage of such a top-down modeling scheme is that it does not rely on any atomistic simulations and only requires easily accessible information from the original experimental system. The disadvantage is that detailed structural information is not preserved. We conduct our simulations in the NPT-ensemble, since the majority of experiments are conducted at fixed pressure, not constant volume. Additionally, we employ a single interaction potential for all particle types and include attractive contributions. The pair potential between CG beads is given by:
where ε ij is the interaction strength between two particles i and j, and σ is the diameter of the beads. We chose the LJ potential due to its functional simplicity and because it has been used extensively in prior studies. However, we would like to point out that our mapping procedure is not restricted to the LJ potential, and can easily be extended to more complex interactions, such as the Morse or Mie potentials, that allow for a more realistic description of the system on the microscopic scale. Each chain consists of two blocks with f N beads of type A and (1 − f)N beads of type B, where bonds between them are modeled through harmonic potentials:
where l 0 is the equilibrium length of the spring, and k is the spring constant. Here we set l 0 = σ and k = 2500 k B T /σ 2 for all bonds, which creates rather rigid links between the beads. This parameter choice, coupled with the impenetrable cores of the LJ particles, prevents unphysical bond crossings. Bonded interactions are generally different for different particle types. However, in this contribution, we focus on developing a model that realistically reproduces the phase behavior, which is primarily dictated by the non-bonded interaction between A and B beads. Future work will be directed towards the study of the impact of the bond length on the conformational and thermodynamical properties of polymer melts. In our framework, the only free parameters are the interaction strengths ε ij , and we will provide a detailed discussion on how the interaction strengths ε ij have to be chosen for matching specific systems in what follows. In Sec. III we also present an extensive example of a specific system (PS-PMMA) to demonstrate the applicability of our approach.
A. Choice of interaction parameters
The first choice for any CG approach is the number of monomers that will be mapped on a single CG bead; the coarser the model is, the softer the effective pair interaction between the beads. For very soft potentials, unphysical bond crossings can occur which violates the essential dynamics of the system and renders transport properties invalid. 43 Hence, only few monomers should be grouped into a CG bead, if a quantitative description of the dynamic properties is of any interest. 44, 45 For all polymers, the spatial correlations between monomers (e.g., due to restricted bond angles) become negligible after a characteristic length scale known as the Kuhn length b. 46, 47 At length scales above b, the chain can be treated as a fully flexible polymer consisting of N b Kuhn segments instead (where one Kuhn segment represents at least one monomer). In other words, the universal physical properties of polymers are independent of the local chemical structure.
The Kuhn length provides crucial information about the length scale and number of monomers that can be represented by a single CG bead, but no information on the interaction parameters ε ij . The number of repeat units representing a Kuhn segment is denoted by N exp b and N CG b , for the experimental and simulation systems, respectively. In order to establish a relative energy scale between the CG beads, we consider the critical temperature T c and volume V c of the constituent group of monomers. This information is readily available through experiments or calculations within the framework of group contribution theory. 48 It is noteworthy that the critical temperature is not a linear function of the number of monomers. 49 We then choose one compound as the reference point and set the number of monomers per CG bead (N exp 
CG , where b CG denotes the Kuhn length of a linear chain comprised of LJ particles. 15 For homopolymer systems of LJ chains we obtain for our model parameters b CG ≈ 1.28σ . This is done by calculating the mean-square endto-end distance of the homopolymer chains as a function of chain length:
. For the other monomer types, we choose N exp /N CG in such a way so that the CG bead has the same (critical) volume as the reference compound. The interaction strengths can then be expressed in units of the reference compound i, and are given by ε jj = T c, j /T c, i , etc. This procedure can be used to determine the interaction between two beads of the same species but gives no information on the cross species interaction. Even though it is common practice to use the Lorentz-Berthelot (LB) mixing rules ε ij = √ ε ii ε jj , 50 copolymer systems are highly sensitive to the exact value of ε ij , 51, 52 and therefore it is advisable to use a more sophisticated approach for determining the cross interaction strength. A key ingredient of our CG scheme is to choose ε ij so that the experimental T ODT is recovered.
To do so, we need to establish a connection between the model parameters ε ij and the experimental Flory-Huggins parameter χ . The latter describes the degree of segregation in polymer blends and block copolymers, and is typically expressed as function of temperature, T. To establish a relationship between χ and T, we follow the approach of Groot et al. 32 Here, the system consists of a two-component mixture of A and B particles which are initialized in two blocks, thereby generating a separating interface (see Fig. 1 ). After some time, the two phases mix to a certain degree, and the free energy F of the system can be calculated via:
where φ A and φ B = 1 − φ A are the volume fractions, and N A and N B are the number of beads in each A and B block. Minimizing Eq. (3) for monomers, N A = N B = 1, we obtain that at two-phase coexistence: Based on Eq. (4), we can perform MC simulations to calculate φ A as a function of T. For a given set of ε ij there is a temperature range over which the beads segregate into two phases. Once equilibrium is reached, we measure the concentration profile along the long dimension of the simulation cell [see Fig. 2(a) ]. Repeating the process for different temperatures we get φ A as a function of T, which can be approximated by the linear relationship:
where α and β are parameters for the enthalpic and entropic contributions to χ , respectively. We found indeed χ ∝1/T in the parameter space of interest, and we were able to fit our data very accurately by Eq. (5). Fig. 2(b) shows the simulation results of χ (T) for two selected sets of interaction parameters, demonstrating the good quality of the linear fit. In the simulation model, the α and β parameters are affected by the interaction parameters. In other words, for each set of energetic parameters the exact values of α and β will change and the aforementioned procedure has to be repeated. In order to facilitate this process, we have conducted a systematic parameter space investigation to derive a semi-empirical expression of χ (T) as a function of ε ij . We set up a simulation of M = 8192 beads in a cuboidal box with periodic boundary conditions in all directions. We then performed NPT Monte Carlo (MC) simulations, which consisted of three types of moves, random displacements, particle identity swaps, and random changes in volume. The particle identity swaps were necessary to overcome metastable/jammed regions for highly dense systems. One MC cycle consisted of M attempts to perform one type of movement, where we decided to move a particle with a 60 % probability, swap its identity with a 20 % probability, or change the system volume in the remaining cases. For each state point, 40 000 cycles were performed for the system to reach equilibration and 10 000 cycles for production of the results. The imposed external pressure was set to zero in all our systems, which corresponds to atmospheric conditions.
Without loss of generality we set ε AA = k B T and ε AA ≥ ε BB ≥ ε AB . We incrementally decreased the parameter ε BB in steps of 0.05 k B T, and varied ε AB with the same step size. We then obtained χ (T) [or more precisely α and β in Eq. (5)] for each set of parameters, by calculating the concentration of the A-rich domain, φ A , at 10 different temperatures. In agreement with previously published results, 53, 54 we identified two distinct phase regions, which exhibited solid-and liquid-like behavior. Fig. 3(a) shows ρ(T) for ε BB = k B T and Fig. 3(b) ]. 55 These structural changes significantly affect the Flory-Huggins parameter as well, as shown in Fig. 3(c) .
In the solid region of the phase diagram (ε AA ≥ ε BB ≥ ε AB ≥ 0.75 k B T), we can describe α and β by linear relationships, which are given by the following equations:
β(ε BB , ε AB ) = −4.6ε BB + 6.9ε AB − 2.4,
where the uncertainties are <1% for the parameters describing α, and ∼3%-5% for β. Here, α corresponds to the enthalpic contribution, whereas β reflects the entropic contribution. Establishing a similar linear relationship for the liquid phase region is a much more difficult undertaking, since entropy plays a more significant role in those states, rendering the standard deviation for the β parameters as too large.
Due to these uncertainties, we focus on the parameter-subset where the system exhibits solid-like behavior. This is however not a significant restriction, since the energetic parameters of most real systems are in this regime (see Sec. III for a typical example).
B. Order-disorder transition temperature and fluctuations
The phase transition from a homogeneous state of diblock copolymers to an ordered state with microphases is called an "order-disorder transition" (ODT), 56 and the ODT temperature T ODT can be calculated for infinitely long chains using mean-field theory. 57 However, for chains of finite length, T ODT deviates from mean-field predictions due to fluctuations, and hence a correction term is needed. The corrections are controlled by a Ginzburg parameter, 58N , which is proportional to the copolymer molecular weight N = 6 3 (R 3 g ρ p ) 2 , where ρ p is the copolymer number density in the melt and R g is the copolymer radius of gyration. For N → ∞ and fixed χ N the Leibler's mean-field predictions are asymptotically recovered. 56 The mean-field critical point for symmetric diblock copolymers is located at (χN) ODT = 10.495.
For asymmetric diblock copolymers (χ N) ODT is larger than the value 10.495. 57 However, for finiteN , the fluctuation corrections impose both qualitative and quantitative changes in the phase diagram, and in particular (χ N)
ODT is replaced by a weak first order transition at (a lower temperature): 59, 60 (χN)
More recently, other suggestions have been put forward to describe more accurately the shift in the ODT due to low molecular weight of the chains; for instance, Matsen et al. have proposed the following relationship for symmetric diblock copolymers:
In simulations, the chain length is typically N CG = 10-200 beads, but even at N CG = 100 the shift of T ODT can be significant, since the chain length is not large enough for suppressing the fluctuations. Thus in order to obtain an effective Flory-Huggins parameter (χ N) eff , χ N is rescaled in the following way:
Using then Eq. (8) in conjunction with Eq. (9) yields:
It is a common practice to simplify Eq. (12) by obtaining a relation betweenN and N (for more details, see Refs. 11 and 61). Alternatively, the effective Flory-Huggins parameter based on Eq. (10) would read:
Rearranging Eq. (5) we get for T ODT :
The above relation between T ODT and α and β is, however, only valid for systems not affected by fluctuations, e.g., chains with an infinite length. For a finite chain length affected by fluctuations, one should use Eqs. (5) and (9) instead, yielding the final result:
where represents the shift of the order-disorder transition due to fluctuations, as discussed above. For N → ∞, the correction term converges to zero thus recovering Eq. (14). As outlined above, the formulation for the prediction of ODT is done within a mean-field framework, where the exclude volume effects are not accounted for and thus N represents the number of segments with a Gaussian behavior (one Gaussian segment is equivalent to at least 10 Kuhn segments). In previous simulation studies, the calculation of the (χ N) parameter was done by obtaining an effective χ eff and then multiplying it by the number of segments N. Although, this approach has been used successfully in diblock copolymer systems, 29, 62 it has the following drawback: by incorporating the effect of molecular architecture into the Flory-Huggins parameter χ eff it becomes difficult to assess the chemical incompatibility between different monomer types independently of the molecular architecture. In other words, each change to the molecular composition necessitates a reevaluation of χ eff , resulting in additional and expensive simulations. Nevertheless, the above observations provide insights on how to predict the ODT in particle-based simulations. In a particle-based model the behavior of the ODT is expected to deviate significantly from the mean-field type of predictions due to excluded volume effects; these excluded volume interactions can affect the stiffness of a polymer chain, which in turn can significantly impact the phase behavior of diblock copolymers. 63, 64 Therefore, we need to obtain a link between the number of CG beads with the number of mean-field segments. In general it is possible to establish such a relationship by mapping the CG chain on an ideal chain with the use of Kuhn segment of the LJ chains, N CG b . However, in block copolymer melts below T ODT the chains are stretched due to the phase separation. Here, not only the individual blocks are stretched in their respective domains, but also the distance between the center of mass of the blocks is increased. For symmetric diblock copolymers (f = 0.5), the mean-square distance of the chain is given by R 2 = (sb CG ) 2 (N CG /t − 2), where t is a fitting parameter and s is the degree of stretching compared to a homopolymer melt. We find that the stretching increases the size of the chains by a factor s ≈ 2.6. Thus, by taking into account the additional stretching imposed on the chains, we can now map the diblock copolymer chain of LJ-chain on its ideal state as follows:
The physical significance of γ in Eq. (16) above is to ensure that the diblock copolymer in its ideal state is always above the minimum chain length, i.e., N eff = N A + N B ≥ 2, and therefore has been set to γ = 2.
We can now calculate the effective combined segregation parameter (χ N) eff by combining the χ parameter obtained from the monomeric fluid [Eqs. (5)- (7)] with the effective number of segments, N eff , as derived in Eq. (16):
Hence, we realize the fluctuation-induced shift of T ODT solely by the mapping of the polymer length. Inserting Eq. (17) then back into Eq. (14) yields the final expression for T ODT :
The above equation, Eq. (18), is similar to Eq. (15) and can be used in conjunction with Eqs. (6) and (7) to adjust the cross species interaction ε ij (with i = j) under the imposed constraint T exp ODT = T sim ODT . Indeed, for conducting the simulations, the parameter of interest is the cross energy interaction parameter between the A-and B-type beads, ε AB . The parameter can obtained with the use of Eqs. (6) and (7) from the last step, which leads to the following relation:
For f < 0.5, diblock copolymers form other structures than lamellae, such as spherical, cylindrical, bicontinuous, and perforated lamellar structures, and therefore the individual copolymer chains are stretched to a different extent. Hence, we need to establish a relationship between f and s. and η are adjustable parameters. Taking then into account the two constraints at f = 0 and f = 0.5 we get:
The proposed functional form is an empiric expression, and a more rigorous derivation requires extensive simulations near the phase boundaries at different compositions and energetic parameters, which were out of the scope of the current investigation. Nonetheless, the good agreement between our morphology diagram and the one obtained by SCFT (cf. Fig. 7 ) provides an a posteriori justification for our linear approximation of s(f). To summarize our proposed CG scheme we have constructed a flow chart, which illustrates how the model parameters can be obtained for any specific polymer system, see Fig. 4 .
III. RESULTS AND DISCUSSION

A. Phase behavior
In order to verify the applicability of our CG scheme, we have studied the phase behavior of symmetric diblock copolymers (f = 0.5) by performing isobaric-isothermal (NPT) MD simulations. The simulations were performed by the large scale atomic/molecular massively parallel simulator (LAMMPS) package, 65 which is a general-purpose, open source molecular dynamics code. Measurements of the ODT are computationally and conceptually challenging, since finite size effects need to be avoided and slow dynamics arises due to large free energy barriers. Therefore, we have employed five different chain lengths, namely, N CG = 18, 36, 72, 144, and 200. Before extending our approach to a specific experimental system, we first study polymers with ad hoc interaction parameters ε AA = 1.0 k B T, ε BB = 0.921 k B T, and ε AB = 0.908 k B T, which correspond to values of α ≈ 0.864 and β ≈ −0.267. At the start of our simulations, we removed the attractive contribution of the cross interaction by lowering the cutoff to r c = 2 1/6 σ . This procedure accelerates the initial microphase separation. Once a lamellae is formed, the original cross interaction is restored by resetting the cutoff to r c = 3.0 σ . Representative snapshots of the system are shown in Fig. 5 for different temperatures. Here we can identify three regimes, namely, the weak (χ N ≈ 10), intermediate (χN , and strong segregation regimes (χ N > 50). 57, 60 The strong segregation regime is characterized by ordered domains that are occupied almost exclusively by only one species. In the intermediate segregation regime the separation becomes less sharp, but the interface between blocks is still very narrow. In the weak segregation regime, the interface between neighboring domains becomes more fuzzy (sinusoidal shape) but lamellae can still be discerned. 2, 66 The temperature at which the lamellae (or the appropriate morphology for the given volume fraction f) melt gives the T ODT for that specific composition. Fig. 6 shows a comparison between the predictions of T ODT and simulation results, and it is clearly visible that the predictions of Eq. (14) overestimate T ODT consistently, due to lack of accounting the effect of fluctuations in the original theory. If we implement a correction according to Eq. (15) then a slightly better agreement with simulation results can be observed. Nevertheless, deviations are still observed for long chain lengths, ODT results do not converge with the mean-field predictions. This is not a surprise since excluded volume effects are not incorporated in the model. Moreover, for the energetic parameters chosen, phase separation would not be possible for chain lengths N < 10 because T ODT is at the same level or lower than the glass transition temperature, T g . Near the glass transition temperature, the polymer chains significantly lose their mobility due to the entrapment of the chains by their neighbors. Below T g the system freezes and thus any fluctuations due to the size of the chains would be suppressed. For more information regarding the glass transition temperature of (chain) polymer systems we refer the reader to Refs. 67-69. If we use Eq. (18) then it is possible to obtain a significant better agreement with the simulations results for all chain lengths investigated. Our focus so far was on symmetric diblock copolymers (f = 0.5), but it is also important to verify our approach for asymmetric diblock copolymers. To this end, we ex- (14) is overestimated; the deviation is larger for symmetric diblock copolymers, as shown by the dotted-dashed line in Fig. 7(b) . If a correction is included through Eq. (16) based solely on symmetric diblock copolymers, i.e., s ≈ 2.6, then a good description is obtained near f = 0.5, but T ODT is underestimated for asymmetric diblock copolymers [see dotted line in Fig. 7(b) ]. If the chain stretching is incorporated via Eq. (20), then a better description of T ODT is obtained for all values of f, as indicated by the solid line in Fig. 7(b) .
Overall, we find that the semi-empirical equations that provide the enthalpic and entropic terms [see Eqs. (6) and (7)] in conjunction with Eq. (5) provide a robust framework for accurately predicting the Flory-Huggins parameter χ . Moreover, we demonstrate that with the appropriate mapping scheme, the ODT of our particle-based copolymer model can be predicted.
B. Coarse-graining of PS-PMMA
Now that we have successfully demonstrated the practicability of our CG scheme for an ad hoc system, we want to model a specific system. The example is based on the PS-PMMA diblock copolymers, which are commonly used in experiments [70] [71] [72] [73] and various applications. chains do not strongly associate with themselves (i.e., chemical reactions or formation of hydrogen bonds) and therefore obey universal polymer laws. As discussed in Sec. II, any flexible polymer chain can be mapped on a chain of Kuhn segments. For the constituent compounds of PS-PMMA, namely, styrene (S) and methyl methacrylate (MMA), both the length of a Kuhn segment as well as the number of monomers that each Kuhn segment represents are available in the literature, 47 and we have summarized all the necessary information required for the coarse-graining in Table I . We chose PS as our reference point and map N exp b /b CG ≈ 5.4 S monomers onto one CG bead. As discussed in detail in Sec. II A, we require the critical temperature and volume of both compounds for determining the interaction strengths. In this work, we have used the group contribution method of Constantinou and Gani 48 and listed the resulting values of T c and V c in Table I . Also, the number . This is an approximation necessary to take into account the difference in volume between the two monomers, although deviations in the conformational properties of the polymers may be expected when the characteristic ratios of the two monomers are significantly different. However, this is not the case for PS-PMMA, where the Kuhn lengths are very similar (see Table I ), and we anticipate only a minor impact through this approximation. Finally, T c provides valuable information on the interaction strengths, yielding ε AA = T c, PS /T c, PS = 1 and ε BB = T c, PMMA /T c, PS = 0.9354. The last missing parameter is the cross interaction strength ε AB , which can be determined through the experimental Flory-Huggins parameter χ .
For symmetric PS-PMMA chains with a molecular weight of 30.5 kg/mol the ODT takes place at T ODT = 523 K. 77 The cross energy interaction parameter obtained from Eq. (15) is then ε AB = 0.9312 k B T, with α = 0.520 and β = −0.1504. However, if we had used the LB mixing rules instead 78 then the cross interaction strength would read ε AB = 0.9672 k B T, which gives a negative value for T ODT . This means that the system would not microphase separate as the system is annealed. The cross energy interaction parameter is essentially the main characteristic to differentiate between the types of beads and if it is not significantly different then the system would only have one phase for the whole temperature range. In fact, T ODT should be higher than the glass transition temperature (for LJ systems it is approximately at 0.4) because otherwise the system will freeze before the microphase separation is initiated. Usage of the Fender-Halsey (FH) mixing rules, 79 i.e., ε AB = 2ε A ε B /(ε A + ε B ) = 0.9666 k B T would lead to the same problem (see Fig. 8 ). At first glance the differences in the cross interaction parameter seem to be negligible, but the exact value of ε AB has a significant impact on the structural behavior of the melt. The failure of the LB and FH mixing rules presumably originates from the representation of several monomers as a single bead; indeed, above T ODT each monomer has a similar probability for having a monomer of the same or different type as a neighbor. However, the grouping of the monomers as a single bead renders this behavior near T ODT impossible. Therefore, a correction is needed to account for this effect and thus the cross interaction parameter we obtain is smaller than what mixing rules predict. Nevertheless, the dependence of T ODT on the cross energy interaction is significantly affected with the variation of ε PS-PMMA , see Fig. 8 . Simulations at different values of the cross energy interaction parameter provide further support that our FIG. 8. Comparison between the prediction of T ODT for a PS-PMMA diblock copolymers system with finite chain length (N CG = 100 and f = 0.5) as function of ε PS-PMMA . In the first case, T ODT is predicted by Eq. (14) with N = N CG , while in the second case T ODT is predicted by Eq. (18), which includes the chain length correction based on Eq. (16) . The dotted lines describe the approximate boundaries of system's state, i.e., for 0 < Tk B /ε < 0.4 the system is expected to be in the glassy state. The negative values of T ODT represent systems that do not phase separate.
methodology can predict the phase behavior (e.g., T ODT ) of diblock copolymers with a particle based model. Finally, we would like to point out that our model is also in good agreement with the reported experimental behavior even below T ODT ; indeed, for 100 K lower than the T ODT of the example that we have used, our model predicts a value of (χ N) eff = 13.5 while experiments report values in the range of 11.1-16.5 (for more details on the experimental studies see Refs. [70] [71] [72] [73] .
IV. CONCLUSIONS
In this contribution, we present a novel coarse-graining scheme for block copolymers that aims at replicating the mesoscale behavior with an off lattice bead-spring model. We map a group of monomers to Lennard-Jones beads of the same size for each type of monomers, rendering the cross interaction strength as the only free parameter. In order to establish a robust connection between the experimental FloryHuggins parameter χ and the interaction parameters, we have performed extensive isobaric-isothermal Monte Carlo simulations of binary mixtures of Lennard-Jones particles, and have obtained semi-empirical equations that link χ to the model parameters. We then extended this relationship to chains of a finite length, by adapting the result of mean-field theory with an appropriate mapping scheme. In contrast to bottomup coarse-graining methods, such as the inverse Boltzmann method, our model does not require costly atomic simulations and only relies on a small set of easily accessible experimental parameters. Furthermore, the inclusion of excludedvolume effects potentially allows for a physically more realistic description of the structural and dynamical properties compared to ultrasoft models, which often allow for unphysical bond crossing. In order to demonstrate the applicability of our copolymer model, we performed molecular dynamics simulations of diblock copolymer melts, which correctly reproduced the characteristic domain morphologies over a broad range of f and χ N values.
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